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The microhardness and indentation fracture resoonse of various
microstructural forms of SiC, Si3N4 and also {11} single crystal Si have
been studied using Vickers indentation techniques at temperatures ranging
from 20-8000 C and at applied loads of between 0.1 and 1 kgf, in vacuo.
In all cases, examination of indented samples by optical and SEM methods
has been used to establish the microstructural control of indentation

fracture paths and surface deformation structures.

The Vickers hardness of SiC materials was found to decrease by %60%
between 0.1 and 0.35 Tm, whilst Si3N4 showed a decrease of 30% over the
range 0.15 - 0.5 Tm. Silicon carbide materials were generally harder than
silicon nitrides at room temperature (only PDSN having comparable hardness),
but the reverse was true at high temperatures (600 0 C). f1111 single
crystal Si showed a 95% decrease in hardness between 0.2 and 0.6 Tm, a
ductile-brittle transition occurring at %600°C (0.5 Tm).

Microstructural influences on hardness were found in all materials, but
were more pronounced in the nitrides examined than in the carbides. In
general, single crystals or coarse-grained materials were harder than fine-
grained materials over the whole temperature range. Porosity is thought
to cause softening at low temperatures only. However, pores were also found
to provide crack termination sites in some cases, and both grain boundaries
and pores (often situated at the boundaries) formed preferred fracture paths,
especially in fine-grained materials at high temperatures.

Cracking generally became more severe with increasing temperature, as
reported previously (1), and this is explained in terms of recent theories
of (radial) crack growth. The effect was most pronounced for {111} single
crystal Si, followed by SiC materials, Si 3N4 samples showing comparatively
little change in crack extent with temperature. Crack nucleation became
more difficult with increasing temperature.

Quantitative fracture parameters (KIc, P*) have been calculated as a
function of temperature and microstructure, and have been compared with bulk
mechanical values and direct observations.

Effects of applied load, specimen impurity content and surface finish
were also investigated.
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1. INTRODUCTION

Engineering ceramics based on SiC and Si3N4 have been developed
primarily for high-temperature applications such as gas turbine
components (e.g. 2,3), but have also found increasing use as bearing
and abrasion-resistant surfaces (2-5) due to their excellent
(unlubricated) friction and wear characteristics in severe
environments (6). It is this latter area of use which is of primary
interest to the present program of research, though most of the results
on microstructural characterization and control of deformation
behaviour are of much wider significance to the general behaviour of
Sic and Si3N4 ceramics.

Material loss in abrasive and erosive situations is controlled by
some combination of fundamental deformation mechanisms, such as
localized plasticity (e.g. 7) often coupled with various crack arrays
in brittle solids (e.g. 8). These mechanisms are most conveniently
investigated and quantified experimentally by means of indentation
hardness tests, simple sliding stylus wear tests, etc., and previous
research in Cambridge* (e.g. 9-11) has characterized the basic
deformation behaviour and microstructural control of such properties at
room temperature and under ambient conditions. Thus, the microstructures
of several SiC and Si3N4 ceramics have been characterized (e.g. 12),
hardness anisotropy and etching used to evaluate slip systems in SiC
single crystal (e.g. 13,14), and the microstructural control of crack
paths examined in a range of SiC and Si3N4 materials (9-11) - all at
room temperature. Non-ERO-supported investigations in Cambridge have
made parallel studies of the load dependence of hardness in ceramics
(15,16) and the role of phase transformations in the microstructural
development of SiC (17). The information which may be derived from
indentation tests is reviewed in sections 2 (plasticity effects) and 3
(indentation fracture).

The aim of the current program is to determine the effects of
important variables such as temperature and environment on indentation
processes, and to characterize further the role of microstructure as a
function of such variables. To this end, a variety of indentation
techniques have been performed using a controlled-atmosphere, temperature-
variable microhardness tester commissioned especially for this project
(1,18,19). In parallel with these investigations, a wide range of
optical, electron-optical and X-ray diffraction techniques are being
utilized for the characterization of specimen microstructures and both
surface and subsurface contact-induced deformation structures.

* Also supported by the European Research Office of the

U.S. Army, 1973-76 (e.g. 20).
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2. PLASTICITY IN CERAMICS

2.1. GENERAL

In this section, the term 'plasticity' is used loosely to refer
to any irreversible deformation mechanism, excluding brittle fracture.
A full review of plasticity in ceramics is not attempted here - the
subject is immense and has been extensively reviewed elsewhere (e.g.21-24).
The purpose of this section is merely to provide a background to the more
detailed discussions of indentation plasticity in SiC and Si3N4 materials
presented later.

Plastic deformation may be divided into two broad categories, namely
grain processes (including dislocation glide, climb, kinking and also
twinning) and grain boundary processes (e.g. grain boundary sliding,
diffusional and viscous creep). Grain processes will be considered first.

Dislocation activity is observed in all ceramics, albeit on limited
slip systems (e.g. 25), for instance Si3N4 forms {10YO1[0001I dislocations
(25, 26) which (if glissile) would produce 2 independent slip systems only.
Secondary slip systems are as yet unknown. 6H* SiC shows prismatic slip
((1010)<1120>)(13,25) with basal ({00011<1120>)(13) secondary slip, which
should produce a total of 4 independent shear strains if they act
independently. Neither material satisfies the von Mises (29) criterion
of 5 independent slip systems for a general small, homogeneous strain
without change in volume. In principle, 8-SiC*, in common with other
sphalerite materials (e.g. diamond, Si, Ge), has twelve available
{1111<110> slip systems, however the von Mises criterion is not satisfied
until slip may occur homogeneously within each grain and the various slip
systems may interpenetrate freely (30). All these materials are brittle
at room temperature, the critical resolved shear stress (CRSS) for
dislocation glide being large (e.g. 23).

High CRSS values in ceramics are a consequence of high Peierls
stresses (37), dislocation pinning by, for example, vacancies or charged
impurities (e.g. 31,32) and interactions with dislocations on parallel
slip planes (e.g. 33). These factors arise from the nature of atomic
bonding in ceramic materials, which gives rise to problems of charge
neutrality in ionic solids and bond breaking and bending in covalent
materials such as SiC and Si3N4 . Dislocation structures in tetrahedrally
co-ordinated cubic semiconductors (e.g. 8-SiC) have recently been reviewed
by Hirsch (34), who suggests that screw, edge and 60 dislocations are
resolved into partials and that bond reconstruction may take place in the
core structures of these partials, so that dangling bonds only occur at
kinks, antiphase defects and possibly in the cores of 600 partials
constituting edge dislocations.

Gilman (35, 36) has modelled low-temperature plastic flow in covalent
solids as a process involving the formation and growth of kink pairs on
dislocation lines by phonon-assisted tunnelling of bonding electrons into

*SiC displays a number of polytypic stacking sequences (27), one of

which is cubic (0 or 3C in Ramsdell notation), the rest being designated
as a (hexagonal or rhombohedral) structures, the most common being 6H (28).
Silicon nitride exists in two hexagonal crystalline polymorphs (a and $)
(25).
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the conduction band under the influence of the applied stress.
Gilman's theory predicts both the flow stress (essentially the 'Peierls
stress', although pinning by impurities may also be treated to give a
Triction stress') and the activation energy for glide (=2Eg), both as a
function of temperature up to some critical (stress-dependent) value at
which conventional thermal activation begins. The Peierls mechanism in
an ionic material (MgO) has been modelled by Woo and Puls (37) using
atomistic calculations, again based on formation and motion of double
kinks.

Work-hardening has been reported in ionic materials
(e.g. 31, 32, 38, 39), mechanisms being either dislocation-dislocation
dipole interactions (athermal) or dislocation-vacancy interactions
(thermally activated), or both. High concentrations of both types of
defect may be formed as 'dislocation debris' by cross glide of screw
dislocations, which are much less mobile than edge dislocations at low
temperatures (31, 32). Temperature effects are more fully discussed in
section 2.3.

Finally, on the subject of dislocation glide, it is worth
emphasizing that limited slip may actually nucleate cracks (40), for
instance at the intersection of slip bands with grain boundaries (41-43)
or by slip band interaction (44, 45). The potential role of plasticity
in crack propagation has been recently reviewed (46), with the conclusion
that cracks formed at room temperature in SiC, Si, Ge and A120 3 are
atomically sharp, and propagate by sequential bond rupture rather than
by microplasticity. At 500 C, on the other hand, Si showed substantial
crack tip plasticity. Koss and Chan (47) have studied fracture along
planar slip bands in Ni-, Al- and Ti- base alloys, and have shown that
this may hinder the activation of non-coplanar secondary slip and provide
relatively easy crack paths. This observation may have wider significance
for ceramic materials, where slip planes are often cleavage planes also.

Twinning - another potentially important grain deformation process -

is observed in some materials, e.g. A120 3 (48) and Si (beneath Vickers
indentations made between 350 and 6500 C (49)). Twinning may or may not
produce strain, and may cause premature fracture due to stress concentration
if not accommodated by other mechanisms (24).

Whilst grain processes have received most attention in previous
fundamental studies of deformation in ceramics, grain boundary processes
are relatively not well understood. This is unfortunate, since such
processes dominate under many conditions of applied stress/strain rate/
temperature. Studies of grain boundary processes are hampered by the
relative lack of information on boundary structure, which has only been
characterized for certain ceramics (e.g. 26, 50-60), especially hot-pressed
materials where thin (10-20R) glassy films have been observed (e.g. 52-57)
along boundaries and especially at triple grain junctions.

Grain boundaries are known to play a particularly significant role
in high temperature processes such as creep: Coble creep involves mass
transport along boundaries from compressive to tensile regions, and
has been postulated in SiC above 1900 0C (62). Nabarro-Herring creep
involves mass transport through grains with the boundaries acting as
vacancy sources/sinks.

hL -
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Creep by high temperature grain boundary sliding accompanied by
viscous and/or diffusive growth of grain boundary cavities has been
modelled by Evans and Rana (61) for materials with or without amorphous
boundary phases. This leads to the concept of grain boundary 'engineering'
in order to reduce creep rates, either by making boundary phases more
refractory (e.g. in Y20 3 hot-pressed Si3N4 (63)) or by eliminating them
altogether (e.g. by prolonged heat treatment to desegregate boundaries in
SIALON materials (58)). In the absence of boundary phases, creep occurs
by a non-cavitating diffusional (Coble) mechanism (58).

High temperature subcritical crack growth often involves viscous
cavity nucleation (and growth) by grain boundary sliding ahead of the
primary crack tip (64). (In the absence of boundary glass phases,
slow crack growth perhaps involves thermally-activated intergranular
bond rupture at the crack tip, or diffusion-controlled cavity growth
from triple junctions (58)). Although boundary sliding is necessary for
cavity nucleation, it is not necessarily the rate-limiting step (65).
In some temperature r4gimes boundary sliding may cause crack blunting to
occur, decreasing the rate of slow crack growth (64).

Whether grain boundary sliding, in its own right, may be considered
a deformation mechanism contributing plastic strain is reviewed by
Dokko and Pask (24), the conditions for such a contribution being unclear.
Grain boundary sliding in MgO above 1700°C has been described in detail by
Day and Stokes (66). Porosity was found to promote sliding by (a)
providing the source, (b) decreasing the interfacial contact area and
(c) preventing grain boundary migration, which produces corrugations in
the interface which interfere with sliding. Boundary migration may, in
other systems, act to relieve stress concentrations caused by sliding,
and may also facilitate slip transfer across boundaries (24). The effect
of sliding and migration on grain boundary structure is unclear.

An interesting observation is that grain boundaries in MgO may
initiate dislocations at a stress independent of grain size and below
the wicroyield stress (67). It is uncertain whether this effect occurs
generally.

To summarize, plastic deformation may take place by grain or grain
boundary processes, which may act independently, co-operatively or even
competitively. There is a great need for further investigations of both
the processes themselves and their interactions with each other, as a
function of both material and environmental parameters (e.g. microstructure,
impurity content, environmental chemistry) and external variables (e.q.
applied stress, strain rate, temperature).

2.2. INDENTATION PLASTICITY

The subject of indentation plasticity has been extensively reviewed
by various workers (e.g. 13, 15) and by the present authors (1), and so
will not be discussed at great length here.

The deformation mechanisms which operate in response to indentation
must be related to the materials parameters and external variables
previously mentioned. In particular, the applied stresses in indentation
tests are generally far larger than in other mechanical tests, and are
both highly localized and also highly complex.

" 'I
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Solutions exist for elastic stress fields beneath blunt (Hertzian)
and sharp (Boussinesq) indenters (e.g. 68), but elastic/plastic
indentation stress fields have not yet been completely characterized.
The most widely-adopted model for plastic zone effects is the spherical
cavity model due to Hill (69), which has been coupled with the elastic
solution by Evans (70), with a view to describing indentation fracture
behaviour. However, the effects (which must be considerable) of fracture
on the sub-indentation stress field have not, to the authors' knowledge,
been considered at all. To generalize, the stress field contains large,
localized shear components (giving rise to slip), together with local
hydrostatic compression (inhibiting massive cracking) and tensile
stresses (maximum at the elastic/plastic zone boundary on the load axis
(70), which may propagate a number of crack geometries (see section 3).

It has been established by a wide variety of techniques (e.g. TEM
(7, 9, 46, 71-77), etch-pitting (14, 77-80), cathodoluminescence
(15,77), SEM (1, 81) and selected area electron channelling (82)) that
even the most brittle materials exhibit some form of slip response,
however localized, to surface contact situations involving sharp
indenters. Some observations suggest that indentation hardness is highly
dependent on slip processes - for instance, single crystal hardness
anisotropy is clearly related to active slip systems (e.g. 13, 83), and
work-hardening of MgO by repeated sliding of softer styli across the
surface results in higher hardness values (79, 80). In other cases,
slip does not provide a complete explanation of observations - for
example, hardness is independent of pre-existing dislocation density in
mixed KCl-KBr crystals (84) and in sapphire (85), which has, if anything,
a relatively high hardness at very low dislocation density. Dislocation
mobilities are also thought to be too low to account for deformation of
silicon at low temperatures (75). In summary, the precise role of slip
has yet to be established, although it has been conjectured (13, 15)
that in highly brittle solids, slip may accommodate material displaced
by other deformation mechanisms (discussed below).

Twinning has been observed to occur beneath Vickers indentations
in Si in the temperature range 350-650 0C (49), and may well occur in SiC
materials, in which stacking fault energies are very small indeed (17).

Grain boundary sliding has recently been identified as the major
deformation mechanism beneath indentations in ZnS (81), with deformation
(slip or twinning) also occurring within the grains. Voids were formed
due to both gross boundary sliding and either interaction between, or
continued slip along, shear flow lines observed within the highly
deformed regions beneath indentations.

It has been suggested (e.g. 13, 75) that shear stresses beneath
an indenter may in some cases exceed the theoretical shear strength for
the test material, giving rise to block shear, especially near the tip
of the indenter at the beginning of indentation (13).

Finally, a pressure-sensitive densification mechanism has been
proposed for sphalerite (zinc-blende structure) crystals such as
diamond, Si, Ge, InSb (86). At temperatures below %0.3 - 0.4 Tm,
where hardness is only weakly temperature dependent (see section 2.3),
the hardness is thought to be of the order of the transition pressure
required for localized formation (due to the high hydrostatic pressure)
of a dense metallic phase beneath the indenter. Trefilov et al. (87)
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have tentatively suggested that SiC may exhibit similar behaviour,
whilst Velednitskaya et al. (77) have pcstulated a similar mechanism
in materials with the NaCt structure. Tiis aspect is more fully
discussed by Sawyer, Sargen' and Page (13) in the context of the
hardness anisotropy of SiC.

2.3. TEMPERATURE EFFECTS

Most brittle solids show two r6gimes of hardness behaviour:
at low temperatures (below %0.2 - 0.5 Tm, depending on the material)
hardness is only a weak function of temperature (e.g. 88, 89) and
dislocations, although produced, do not extend far from the
indentation (e.g. 7, 9, 46, 49, 71-77). At higher temperatures,
hardness decreases strongly with increasing temperature and dislocations
may move over considerable distances (e.g. 49).

The form of the hardness/temperature curve is often similar in
form to those of f.c.c. metals (reviewed in references 88, 90, 91), which
generally have two r~gimes: below 0.5 Tm, the hardness falls relatively
slowly with increasing temperature, whereas above 0.5 Tm the decrease is
more rapid. In the low-temperature region, hardness depends on glide
processes and, since dislocation mobilities are high, the flow rate is
limited by strain-hardening effects (92). Dislocation-dislocation

interactions are elastic and long-range in f.c.c. metals, and are
therefore only weakly dependent on temperature (92). Above 0.5 Tm, the
deformation is diffusion-controlled (93, 94), involving, for example,
dislocation climb and grain boundary sliding: below ,0.75 Tm,
dislocation pipe-diffusion is thought to be dominant, whilst at very
high homologous temperatures, lattice diffusion dominates (91).

The form of the hardness/temperature relationship is the same, for
different reasons, in covalent semiconductors such as Si, Ge, InSb
(49, 86, 95), the low-temperature region being totally athermal. Whilst
the high-temperature r4gime is thought to be controlled by dislocation
processes (49, 86), the low-temperature region is clearly not (by
comparison with the form of the temperature-dependence of the CRSS for
dislocation glide). The CRSS is generally highly temperature and
strain-rate sensitive at low temperatures, dislocations being trapped
by obstacles in the glide-plane having shcrt-range stress fields
(e.g. solute atoms or the Peierls barrier) (31-33). At intermediate
temperatures, the CRSS is athermal (long-range interactions) and at
high temperatures it is diffusion controlled, hence thermally activated
(33). Therefore, if the high-temperature r4gime in the hardness-
temperature relation is controlled by slip, it is in the diffusion-
controlled region. In this temperature domain, creep effects must be
taken into account - the subject of indentation creep has been reviewed
extensively elsewhere (e.g. 89, 96) and will not be further discussed
here, since all experiments described in this report were at short
indenter dwell-times, at temperature where creep effects are known to
be minimal.

For Si, etc., the low-temperature hardness r4gime has been
explained in terms of a pressure-induced phase transition mechanism
(mentioned in section 2.2) by Gridneva et al. (86). Gilman (35, 36) *i

has postulated an entirely different mechanism, involving escape of
dislocations from bound states by electron tunnelling, to account for
low-temperature, non-thermally-activated flow (hence hardness, since

llll B t - . .. i. .. . . . . . _
' . ... . . • I I I , == . .. . _...
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H a flow stress) of covalent solids (see section 2.1). The model fits
the observed form of the hardness/temperature curve for Si nicely (36),
but takes no account of the physical movement of atoms, and is
difficult to use since the nature of the potential energy barrier,
through which tunnelling takes place, is not known in detail (75).
Hill and Rowcliffe (75) have further suggested that block shear may
be the dominant deformation mechanism in the athermal region of the
hardness/temperature curve for Si.

Not all materials exhibit the form of temperature response described
earlier: notable exceptions are the transition metal carbides, which
generally show a steep decrease in hardness with increasing temperature
up to \0.2 Tm, where the decrease becomes even steeper (88-90, 97, 98).
Single crystal hardness anisotropy experiments (using the theory of
Brookes et al. (83)) have established that a change in slip system
(from {110}<IT0> to {I1I}<10>) occurs at this point (89, 99-102),
corresponding to a change in atomic cohesion from covalent at low
temperature to metallic at high temperature (103, 104).

The hardness/temperature behaviour of silicon carbide has been
reported to show a low-temperature athermal region which only extends
up to 4000C (%0.2 Tm) (Berkovich indenter (87)) or 200 0C (%0.15 Tm)
(Knoop indenter ()). Vickers hardness data show no such region above
room temperature (%0.l Tm) (1, 105, 106). Above these temperatures, all
investigations revealed a marked decrease in hardness with increasing
temperature, with gross plasticity (in the form of surface slip steps
around indentations) not occurring below 800 0C (1, 105), and with
apparently no change in slip system taking place (at least, below 15000C)
(105). Although Trefilov et al. (87) have suggested that this behaviour
may be similar to that of Si, clearly some explanation is required for the
athermal region ending at such a low homologous temperature.

Silicon nitride, on the other hand, has been reported to have only a
comparatively weak temperature-dependence of hardness up to very high
temperatures, single crystals of a-Si 3N4 showing no sign of a knee in the
curve below 15000 C (0.8 Tm) (107), although some hot-pressed materials
show a rapid decrease in dynamic hardness above 1300 C (0.7 Tm) (108).

The data of Huseby and Petzow (108) are interesting, as they show
clear differences in the hot-hardness behaviour of various hot-pressed
silicon nitrides as a function of pressing additive (hence grain boundary
phase). Similar results were obtained by Loladze et al. (106) for A1203
materials with various additives. These differences may be significant
in the light of recent observations (81) that grain boundary sliding may
make a major contribution to indentation plasticity, even at low
temperatures.

Porosity effects have been discussed by various authors
(e.g. 1, 88, 89, 97, 109, 113) and are thought to give rise to
softening at low homologous temperatures but, at higher temperatures,
the hardness is found to be independent of porosity.

The effects of adsorbed species, especially water, on hardness

(and other) properties of ceramic materials is well-established
(e.g. 110-112): both softening and anomalous room temperature creep
of surface layers is observed. For materials prone to such
chemomechanical effects, thermal desorption of adsorbed species will
result in changes in hardness behaviour in addition to the variations
discussed above. All experiments here were performed in liquid nitrogen-
trapped high vacuum (<lO 6mHg) in order to eliminate these effects as
far as possible.
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3. INDENTATION FRACTURE

3.1. CRACK PROPAGATION

Indentation fracture geometries have ben characterized and
modelled principally by Lawn, Evans and co-uorkcrs (e.g. 68, 114-116):
in the case of sharp surface contact, cracks perpendicular to the
specimen surface (median cracks) are created during loading, cracks
approximately parallel to the test surface (lateral cracks) being
created during unloading. More complex geometries (such as radial
cracks, which may form an unloading or loading or both) have also been
observed (116-119). It has been established that the incidence of
lateral fracture in particular (116), combined with other crack types,
plays a dominant role in abrasive and erosive wear of brittle materials,
and that with increasing load, a transition from plasticity control to
fracture control of abrasive wear is observed (74, 120).

The precise sequence of microfracture events depends on the material,
its surface preparation and the applied load (35), and it would appear
that radial cracks are generally the first to form around Vickers
indentations in SiC (82). The microstructural dependence of indentation
fracture, in terms of preferred fracture paths, may easily be investigated
by direct examination of indentations in a range of materials, enabling
conclusions to be drawn as to materials response to abrasive environments,
and this has been one of the principal interests of the authors and
co-workers (1, 9-11).

A quantitative fracture mechanics model for the dependence of
radial/median crack extent on contact load has been developed (121-123)
by considering the interaction of the tensile component of the sub-
indentation stress field with pre-existing flaws within the test material.
For median crack propagation, the following relationship was obtained:

a) K = P 3/2 (for explanation of terms, see glossary)

0 where 7
0

The effects of the plastic zone in modifying stress fields, and hence
fracture behaviour, have been discussed by Evans (70). From this, a more
reasonable model for the propagation of median and radial cracks under the
appropriate loading and unloading stress fields has recently been
developed (124). The complex elastic/plastic stress field beneath the
indenter is resolved into elastic and residual components (125) - the
elastic reversible component is responsible for downward median crack
extension during loading whilst the residual stress, arising out of the
mismatch between the plastic zone and the surroundi.q elastic matrix,
provides the driving force for radial crack extension during unloading.
Thus, the final measured radial crack length (cr ) at complete unloading
is governed by the crack-opening force provided by the residual stress
component, and the relationship between c and applied load P is modified:

r

b) -3/2
K X xPC
Ic r r

2/3
c) Xr = 

( )  (E/H) (cot 0)

where C (0) is a dimensionless term independent of the indenter/specimen
system, found by experiment (124) to be 0.032 (± 0.002).
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indenter half-angle (740 for a Vickers indenter)

Hence, for Vickers indentations:
E/) -3/2

d) Ki = 0.0139 (E/H) P C
ic (±0.0009) r

In this treatment, (E/H) is a measure of the ratio (b/a) of
plastic zone radius to indentation radius, derived from the expanding
cavity model due to Hill (69). Thus it is apparent that as the
temperature is raised, the ratio (b/a) must increase, causing a larger
crack-opening residual stress and therefore an increase in radial crack
extent, as has been observed (1, 87). An interesting observation here
is that as the ratio (H/E) diminishes by, for example, considering a

range of materials (116) or one material at various temperatures (126),

the surface radial component progressively dominates the subsurface
median cracks in the earlier stages of loading, although the same near-
semicircular profile is almost invariably attained on removal of the
load (124).

It must be emphasised that the theory of Lawn et al. is strictly
valid only for conditions in which cr>b, i.e. that the radial cracks are
driven into the elastic hinterland by the residual stress. This may not
be the case for low applied loads and relatively soft materials, for
which the model due to Perrott (119) may be more applicable. This model

predicts that th, first cracks to form, under conditions of sufficient

plasticity, are ;urface radial cracks, for which the Palmqvist
relationship Pccr often holds, as has been observed in various WC/Co
materials (127). Whilst Lankford and Davidson (82) have suggested that
this behaviour occurs in SiC (4H single crystal), their numerical results
are entirely consistent with the Lawn et al. model discussed above.

caP0 .6 7 may be verified from their figure 4 (predicting Kic = 1.8MPam
assuming E = 450 GPa (table 1)), as opposed to the c = c* + constant.(b - b*)
relationship they propose (where c* and b* are threshold values of c and b

respectively). The data of Lankford and Davidson confirm the Hill (69)
relationships a a b and Pcb 2 , but the value of (b/a) = 2.9 which may be
calculated from their results (again, assuming E = 450 GPa) is lower than
their observed value (using selected area electron channelling) of %5.5.

In summary, indentation techniques provide a useful (if theoretically
complex), non-destructive experimental means of studying fracture in brittle

materials or, for example, explaining strength-degradation after surface
contacts (125). Quantitative results for crack propagation and initiation

may easily be obtained as a function of specimen microstructure, temperature,

environment, etc. In addition, such experiments are invaluable in allowing
preferred fracture paths through specimen microstructures to be examined.

3.2. CRACK INITIATION

Crack initiation in elastic/plastic indentation fields was first
considered by Lawn and Evans (122), using a simple approximation for the

tensile stress distribution beneath an indenter (again, based on Hill's

solution (69)) and the interaction of this stress (which scales with hardness

and is a maximum in the vicinity of the elastic-plastic boundary (70)) with

pre-existing flaws in the test material. Threshold conditions of applied

load (P*) and critical pre-existing flaw size (c*) were derived, below which
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no median cracks could form:

e) P* = Xo (K Ic/H) 3KIc where Xo was estimated to be "2.2 x 104

f) c* = p0 (KIC/H) 2 where 1o was estimated to be 1\442

In this model, if no large (c>c*) flaws are present in the vicinity of
the plastic zone boundary, the applied load has to be increased so that
the expanding tensile front may sample deeper-lying flaws, in order to
form a median crack. The coefficients AO and uo were later modified (123)
to fit a wide range of experimental data giving Xo ^1.6 x 104,40,120,
however the theory was considered too inexact to enable absolute results
to be derived to within an order of magnitude.

More recently, Hagan (45) has shown that pre-existing flaws are not
necessary for crack formation, rather the flaws may be nucleated by the
deformation processes occurring during indentation (thus removing the c*
criterion for nucleation). Hagan's analysis, based on crack nucleation by
intersection of dislocations on two intersecting slip planes, or by one
slip plane blocking another, enabled a critical load for nucleation to be
derived, which followed the form of the earlier result, with only a
difference in the coefficient Xo (%885 in this case). Nucleation was thus
considered to be governed by shear deformation rather than tensile stresses
as described above. Such dislocation-induced fracture has been specifically
observed in nucleation of [1121 cracks on near {111}Si (128), and has been
considered in general terms by Davidge and Evans (40).

A similar mechanism was also postulated for soda-lime glass (44, 45),
in which cracks are observed to nucleate at the intersections of inhomogeneous
shear bands formed in the deformed regions beneath Vickers indentations (123).
Such flow lines have also been observed in ZnS, where cavities produced as
a result of grain boundary sliding may also act as crack nuclei (81).

In polycrystalline materials, fracture may also be initiated by dislocation
pile-up at grain boundaries, as has been demonstrated for MgO bicrystals (41-43).
In such cases, the relationship

g) OF = ao + KD-h

is obtained, where OF = stress to form a crack, co = stress required for
dislocation multiplication (rather than the friction stress), K = a
qualitative measure of the effective cohesive strength at the glide band
tip (boundary cohesion) and D = glide band length. Both ao and K decrease
with increasing temperature, but the stress concentration at the boundary
decreases due to increasing glide band width and lower dislocation density (42).
Hence the temperature-dependence of aF (hence P*) is unpredictable.
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4. EXPERIMENTAL

4.1. MATERIALS

The materials used in this investigation were commercially

available forms of polycrystalline silicon carbide and silicon nitride,
plus a large (0001) single crystal SiC, and these are listed in table 1,
together with some room temperature properties obtained from the

literat ire.

Sections of each of the polycrystalline samples were cut using a

high-speed diamond saw (12) and these, together with a selected
as-grown basal habit single crystal SiC, were mounted in electrically-

conducting resin and diamond lapped and polished to 0.25xn finish
(see Appendix 3). Specimens were examined optically and by SEM, for
which the nitrides were lightly gold-coated and viewed at normal

incidence, so as to image the material through the coating. Porosity
and residual Si content (in REFEL) were measured directly from optical

images by a Quantimet 720B image analyzer and grain sizes were estimated

from SEM images. Notable microstructural features are discussed below

and in the previous report (1).

One form of 'Suzuki' sintered SiC was observed to consist of needle

or plate-like grains of approximate length 20im and width 2pm, with

substantial (9 vol.%) porosity (fig. 5). The material was sintered with
additions of B and C, and reportedly contains no grain boundary phases
(130).

Ford '2.7' RBSN contained many pores, varying in size, and distributed

inhomogeneously through the microstructure, with some regions relatively
pore-free and other regions containing large pores (fig. 6 and (132)).

Norton NC132 hot-pressed Si 3N4 contains 5%Mg0 (pressing additive)

(132) and is almost pore-free (fig. 7). Secondary and backscattered SEM
images reveal specular white particles, apparently distributed around

,5,%m sized grains. Energy dispersive X-ray analysis (Link 860) of these

particles shows them to be rich in W, Si and often Fe and/or Ni. The
presence of such particles has been reported previously (e.g. 65), and

they are presumed to originate from the ball-milling stage in the

fabrication procedure.

Norton NCX 34, containing 8% Y20 3 (132), was found to contain
W-rich particles similar to those in NC132, but secondary electron images

(fig.8) also revealed diffuse light patches around each grain, thus

delineating the grain structure much more clearly, revealing occasional

large (^-20 =) grains. The light regions were found by EDX analysis to be
rich in Yttrium, presumably as Y203 , and high magnification images

(e.g. fig. 8f) revealed what appeared to be networks of this phase

running through the microstructure.

The Si single crystals were in the form of standard transistor-grade
{111} wafers, polished on one side, and were indented in the as-received

condition. Regrettably, no information was provided as to the nature
and concentration of the dopants used, save that the resistivity of the

p-type wafer was 7.05 Qcm and that of the n-type material was 9.15 Qcm
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4.2. INDENTATION TECHNIQUES

Hot-hardness experiments were carried out in a Wilberforce
Scientific Developments high-temperature microhardness tester as
described in detail in the previous report (1). All experiments were
carried out 'in vacuo' to prevent furnace oxidation and indenter
graphitization and to exclude, as far as possible, any environmental
or 'Rebinder' effects which are important in some ceramic materials
(e.g. 110-112).

The experiments performed are summarized in table 2 - in all
cases the loads used were 100, 200, 500 and 10OOgf, with a constant
indenter dwell time of 15s. Generally, 5 indentations were made at
each of the lower loads, 10 at 10OOgf. Measurements were made over
the temperature ranges indicated at 1000 C and 2000C intervals (as
considered appropriate), with at least half an hour being allowed for
stabilization of indenter and specimen temperatures prior to
indentation.

As previously described (1) the (0001) single crystal SiC was
indented with one Vickers indentation diagonal approximately parallel
to a <1120> direction (Knoop experiments will not be described here).
Similarly the {111 single crystals of Si were aligned such that one
indentation diagonal was approximately parallel to a {1Y0} direction.
In all cases, indentations were observed at temperature and
subsequently examined both optically (Zeiss Universal) and by scanning
electron microscopy (ISI 100A) as in section 4.1.

The variations of radial crack extent with applied load and
temperature were analyzed in accordance with the theories described in
section 3. Firstly, the slope (m) of the log c versus log P plo t was
determined in each case: a value of m = 2/3 indicating P 1 c / 2 (the
Lawn et al. case (124)), a value of n = I indicating P a c (the Paimqvist
case (127)). With one exception (NCA 34 hot-pressed Si 3NO), m was foud

to lie between 0.6 and 0.75 (±0.03) and so the analysis due to Lawh,
Evans and Marshall (124) was used-equation d (section 3.1). For this,
the slope of the c3/ 2 versus P plot was determined using the method of
least squares,minimizing the variances in the experimental observation
c3/ 2 , not those in the load P. Hardness values used in equation d were
averaged over the load range over which cracks could be measured (H was
often found to be slightly load dependent in this range). Room
temperature values of Young's modulus are summarized in table I - in the
case of 'Suzuki' sintered SiC, E had to be estimated according to the
known variation of elastic modulus with porosity for SiC materials (25).

In many cases, the temperature-variation of E has been measured (e.g.25),
but where such data were unavailable, a decrease of 1% per 100K temperature
rise was assumed (e.g. 109).

Finally, values of P* were calculated according to equation e
(section 3.2), using a value of the constant X which best fitted the
observed data (see section 5.2.2).
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5. RESULTS

NB In this section, results are presented for all the materials

investigated to date, including some which have appeared in the
previous annual technical report (1). The variation of hardness with
applied luad (as a function of temperature) is described in Appendix 1,

whilst dopant effects are discussed in Appendix 2 and surface finish
effects in Appendix 3.

5.1. HOT HARDNESS

Figure la shows the Vickers hardness of SiC materials at i kgf
applied load as a function of temperature in the range 20-800°C
((T/Tm) "'0.1-0.35). Broadly, the hardness/temperature curves are
similar for all materials, the differences in microstructure merely
transposing the curves up or down the hardness axis. The hardness of
SiC materials thus falls from ^.2400-3200 kgfmm- 2 at room temperature
to ',800-1400 kgfmm- 2 at 8000C: a sighificant decrease. (0001) single
crystal SiC was the hardest material over this temperature range,
followed by NC203 hot-pressed and Carborundun sintered materials
(curves almost indistinguishable), followed by the 'Suzuki' sintered

SiC and finally REFEL reaction-bonded SiC.

Plotting these data on a logarithmic scale (figure Ib) reveals the

deciease in hardness to be exponential , with constant activation energy
over this temperature range, the exception being the reaction-bonded
material, which contains unreacted silicon (see below and section 6.1).
Otherwise, microstructural differences appear to have very little effect
on the activation energy, the curves being transposed vertically from
each other but not differing in slope.

Similar plots for silicon nitride materials are given in figure 2
on identical scales to those of figure 1. By comparison, Si3N4 materials
show relatively little change in Vickers hardness with increasing
temperature over this temperature range ((T/Tm) u0.15-0.5); in addition,
the effect of microstructural variation was much more pronounced for
the nitrides.

PDSN was the hardest form of nitride investigated: its room
temperature hardness (n,3100 kgfmm- 2 ) being comparable to that of SiC
materials. Although the temperature sensitivity of hardness was more
marked for PDSN than for the other forms of Si3N4 , it was small compared
to that of the carbides: at 8000 C, the hardness of PDSN was .2100 kgfmm
Much softer than PDSN were the two hot-pressed nitrides: NC132 (with MgO)
and NCX34 (with Y203) - room temperature hardness values 2000 and
1700 kgfmm - 2 respectively. This difference (0300 kgfmm- 2) was maintained
over the whole temperature range, the forms of the two curves being very
similar. Although the reaction-bonded material was the softest form of
silicon nitride at room temperature, the material displayed a remarkable
insensitivity of hardness to temperature, such that at 8000C its hardness
value of 1300 kgfmm 2 was similar to that of the harder form of hot-pressed
silicon nitride (NC132).

The logarithmic plot (figure 2b) suggests that the curves in figure 2a
are exponential, each material maintaining a constant activation energy
over the temperature range. In contrast to the carbides, different
microstructural forms of silicon nitride show different slopes, RBSN having



14.

the least and the two hot-pressed materials the greatest.

Figure 3a shows the variation of Vickers hardness (at 100gf applied
load) with temperature for {111} single crystal silicon (n-type) over

the range 20-800°C ((T/Tm) %0.15-0.65). The decrease in hardness is
both steep and approximately linear up to 5000 C, where the decrease
starts to tail off. Plotting the results on a logarithmic scale
(figure 3b) produces a curve of gradually increasing slope, similar in
shape to those obtained by other workers (e.g. 95), although transposed

to higher hardness values. Slip steps along <110> directions were
observed to form spontaneously around indentations made at and above
600°C,(figs. 9 i-k)and indentations made at lower temperatures were

observed to form slip steps on heating to this temperature. Slip steps
were also formed at 5000 C, but over a time scale of a few minutes

(forming more readily around high-load indentations) (fias. 9 g, h)

The ratio (b/a) of plastic zone radius to indentation radius (for
1kg indentations) has been calculated (section 3.1) as a function of
temperature for each of the materials investigated (table 3). At room

temperature the plastic zone radius is calculated to be in the range
2.3a-2.7a for both SiC and Si3N 4 materials (except PDSN:(b/a) %1.9). The
ratio increases (linearly in most cases) as the temperature is increased,
the SiC materials showing the most pronounced change such that, at
800°C, (b/a) lies between approximately 3.5 and 4 for the carbides and

between approximately 2.5 and 3.5 for the nitrides. Reaction-bonded
SiC shows a comparatively rapid increase in plastic zone size ((b/a)
"\4.7 at 800°C). {IlIl} single crystal Si shows an increasingly rapid

rise in (b/a) with increasing temperature, the theory predicting
(b/a)"'8.4 at 8000 C. It was found impossible to measure I kgf indentation
sizes in silicon below 300 0C, due to excessive fracture around the
indentation profile (figs. 9a-d).

5.2. INDENTATION FRACTURE

5.2.1. CRACK PROPAGATION

In this section are presented, firstly, descriptions of the crack
patterns (figs. 4-9) observed in the materials investigated since the
first annual technical report (1) and, secondly, crack measurements
(figs. 10-12) and derived values (figs. 13-16 and tables 4-6) for all
the materials studied to date, as a function of temperature.
Previously (1), Carborundum sintered SiC was shown to produce relatively
little fracture (mostly lateral) around Knoop indentations over the
whole temperature range. Around Vickers indentations, this material

formed extemsive radial cracks (fig.4a) with only occasional lateral

chips, radial fracture becoming more severe at high temperatures (fig. 4c).

Cracks paths were sometimes branched, in many cases appearing to pass

preferentially along grain boundaries for parts of their lengths. Often,
cracks appear to have changed direction in order to pass through pores,
which sometimes (by no means always) acted as termination sites (fig. 4c).
Slip steps were observed to form in grains immediately adjacent to
indentations made at 800°C (fig. 4d). By comparison the sintered SiC
obtained from Prof. Suzuki formed shorter radial cracks, which were
generally straight, passing non-preferentially through several pores
over their lengths (figs. 5a, b). Sometimes, where the needle-like
grains were suitable oriented, cracks propagated along grain boundaries

(figs. 5c, d).
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The RBSN specimen formed radial cracks at loads of 500 gf and
above (figs. 6 a, c), no lateral fracture being observed. Crack paths
were generally free from branches or major deflections, but appeared a
little 'meandering', probably around the %1lm sized grains. The
cracks were often associated with the substantial (intergranular)
porosity in the material (figs. 6 b, d), and were sometimes terminated
by pores.

The fully-dense NC132 hot-pressed silicon nitride (with Mg0
pressing additive) produced comparatively short radial cracks
(figs. 7 a,c) at and above 500 gf load, the cracks being macroscopically
straight but 'meandering' on a submicron scale (fig. 7b). The grain
boundary WC/WSi particles were often seen to deflect cracks, and to
provide both preferred fracture paths and occasionally, termination
sites. These observations suggest that the crack paths were largely

intergranular. At high temperatures, small intergranular lateral crack
networks (similar to those observed in NC203 hot-pressed silicon
carbide (1)) were observed (fig. 7d) together with short radial cracks
at I kgf applied load. Below this load, the radial cracks were either
absent or too small to be distinguishable.

The fracture behaviour of NCX 34 hot-pressed silicon nitride (with
Y203pressing additive) was similar to that of NC132 but more pronounced,
radial cracks being measurable over the whole load range at all
temperatures. Again, cracks were meandering (figs. 8a6 c) and in this
case clearly intergranular (figs. 8 b,d,e, f ). At 800 C, networks of
grain boundary cracks were formed (figs. 8d, e), more extensively than
in NC132, but not as pronounced as in NC203 hot-pressed SiC (1).

Indentation fracture in {1} single crystal Si was generally
spectacular at low temperatures (figs. 9 a-j), with extensive radial
cracking occurring up to 7000C and severe lateral cracking up to 4000C.
Lateral fracture was found to be favoured at low temperatures, being0
most severe at %200 C (fig. 9d) and at high applied loads (figs. 9b, c),
also at very high temperatures (e.g. 8000C) - where no radial fracture
was present - in the form of small cracks and chips around/inside the
indentation profile (figs. 9k, 1). Radial cracks around high
temperature (500-700°C) indentations-generally extended slightly beyond
the slip steps which formed along <110> directions at temperatures of
5000C and above, as described in the previous section. The radial
cracks were largely along <112> directions confirming the results of
Puttick and Hosseini (128) with smaller <110> cracks al3o occurring.
Details of the variation of radial and lateral crack lengths with
temperature and applied load are given below, along with data for all
the other materials investigated.

Figures 10, 11 and 12 show the variation of radial crack radius (cr
with temperature and applied load for SiC, Si 3N4 and {111) single crystal
Si respectively. Generally, all the materials showed some increase in
cr with increasing temperature at each load, the form of the curve being
either linear (CarborunduT& sintered SiC, PDSN, RBSN, NCX34 hot-pressed

Si3N 4 , {110} Si above 300 C) or curved with a high-temperature plateau
(NC203 hot-pressed SiC, Suzuki sintered SiC, NC132 hot-pressed Si 3N4 ).
Whilst most materials showed a substantial (v.%50%) increase in crack

lengths over the temperature range, both RBSN (fig. l1b) and, especially,
NC132 hot-pressed Si3N4 (fig. 11c) displayed very little variation. The
temperature sensitivity of radial crack extent was particularly interesting
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in the case of {111} single crystal Si, which showed no change in cr
up to n300-4000 C, followed by a marked linear increase up to 7000 C,
above which no radial cracking wab observed. In this case, the
variation of lateral crack extent ct (for lateral cracks seen to emerge
at the surface only) was also measured for 1 kgf indentations. Despite
the relatively large statistical spread in results, cz was observed to
peak at %200 C with ce = cr, and then to die away with increasing
temperature, such that above 300 C surface lateral cracks were rare.

The ratio (c/a) of radial crack extent to indentation radius was

calculated for 1 kgf indentations for each material/temperature
(table 4). With the exception of the single crystal silicon, this
parameter was remarkably constant as a function of temperature for
each material, indicating that cr increased with temperature in direct
proportion to a (at constant load). (c/a) varied from 'u1.6 (NC132) to
%4.3 (single crystal SiC at 800 C). Single crystal silicon had a
maximum (c/a) value of 4.1 at 500°C, decreasing to zero at 800°C.

Using data from table 3, the ratio (c/b) of radial crack radius
to plastic zone radius was calculated, again for a constant applied
load of I kgf. Radial cracks generally extended significantly beyond
the calculated plastic zone for the most brittle materials examined
(single crystal SiC,Carborundum sintered SiC, PDSN) whilst, for
other materials, radial cracks were contained wholly within the
calculated plastic zone. For SiC and Si materials, (c/b) decreased
with increasing temperature (i.e. b increased more rapidly than c),
this being most evident for the single crystal silicon above 500 0C.
The silicon nitride specimens showed very little change in (c/b) with
temperature.

The effect of including a plastic zone radius term in the
calculation of KIc (equation d) is demonstrated in figure 13 in the
case of hot-pressed SiC. Without this term, the calculated values of
Kic decrease with increasing temperature, reflecting the variations of
Cr, as reported earlier (1). Including the term results in lower
calculated values for KIc, the temperature variations (table 6) being
eliminated (fig. 13, lower curve) - the implications of this are
discussed in section 6.2.1.

Indentation fracture toughness values calculated according to
equation d are presented in table 6 for all materials/temperatures.
Each material showed a Pcc 3/2 relationship except NCX34 hot-pressed
Si3N4 , where the exponent increased with temperature from %1.7 at 22'C
to %2.6 at 8000 C! This renders the Kic values calculated for NCX34

meaningless, although they appear reasonable in magnitude. As with
hot-pressed SiC, the majority of materials showed no variation of Kic
with temperature within the limits of experimental error, save in the
following cas s: (0001) single crystal SiC showed a decrease in Kic
from 1.7 MPam at room temperature to l.OMPam at 800 C, 'Suzuki'
sintered SiC had an anomalously high value of KIc at room temperature
and PDSN perhaps showed a small decrease in Kic with temperature. The
dependence of Kic on microstructure is described and discussed in

section 6.2.1.

Finally, the 'index of brittleness (H/KIc)' defined by Lawn and
Marshall (123) has been plotted against temperature for SiC (fig. 14),
Si3N4 (fig. 15) and Si (fig. 16) materials. By this classification,
Si is the most 'brittle' of the materials studied (at low temperatures),
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the index of brittlenesz decreasing rapidly with increasing
temperature. SiC materials were generally more 'brittle' than Si3N 4

specimens (except PDSN) and again showed a decrease in (H/KIc) with
temperature (not as pronounced as in Si). The nitrides all showed
very little, if any, change in 'brittleness' with temperature.

5.2.2. CRACK INITIATION

The critical load required for crack nucleation P*, has been
plotted as a function of temperature for each material (figs. 17-19).

In calculating P*, the coefficient A0 in equation e was taken to be
9 x 104 so as to yield values in approximate agreement with observed

values of limiting loads for radial crack development. For example,
PRSN formed little or no radial fracture below 500 gf (15N) over the

whole temperature range; NC132 behaved similarly up to 200°C, above
which no radial cracks formed at loads below 1 kgf (%ION). {111)

single crystal silicon showed the following 'cut-off' loads:
200 gf (%2N) at 5000 C, 500 gf (%5N) at 600 C and I kgf (1ION) at 700°C,
where relatively few cracks formed (although those that did were more
extensive than radial cracks formed at 600 C, as described in the
previous section). Choosing o = 9 x 10 , P* values calculated from
equation e were consistent with these estimates to within at least an
order of magnitude, often much better. This is reasonable, considering
that typical experimental errors (not shown in figs. 17-19) were of the
order of 60% due to the dependence on high powers of KIc and H(10% error

in KIc and 5% error in H would result in a possible 55% error in P*).

Despite the inaccuracy of absolute values, a clear idea of both the
temperature and microstructural variations of P* may be obtained from

figs. 17-19. (NB a logarithmic scale has been used for these plots since

P* changed by two or even three orders of magnitude in some cases).
Generally, both SiC and Si3N 4 materials showed no change in P* with
temperature up to %300-4000 C, whilst at higher temperatures many materials
exhibited an increase in P* with increasing temperature. This increase
was dramatic (2 orders of magnitude) in the case of PDSN but less
proricunced (half an order of magnitude) for sintered and hot-pressed

carbi',cs and for NC132 hot-pressed Si3N4. Single crystal SiC, NCX34

hot-pressed Si 3N4 and RBSN showed no change in P* with temperature at
all. For single crystal Si (fig.19), P* increased by three orders of

magnitude between room temperature and 7000 C, the increase being most
pronounced above 500 0 C. Microstructural factors are discussed in

section 6.2.2.

* KIc values for this material were unreliable, however, as described in

the previous section.
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6. DISCUSSION

6.1. HARDNESS AS A FUNCTION OF TEMPERATURE

Possible mechanisms for the decrease in hardness with increasing

temperature have been reviewed in section 2.3. In summary, the effect

may be due to any of the following:

i) diminution of the CRSS for dislocation glide (this may

involve a decrease in the Peierls stress or increased diffusion of

pinning mechanisms, and is almost certainly a function of dislocation

character);

ii) a change in active slip systems (single crystal hardness

anisotropy measurements at various temperatures indicate that this

is unlikely in SiC (105) and Si3N4 (107);

iii) thermally activated cross slip and climb effects (30);

iv) movement of double kinks by phonon-assisted electron

tunnelling (35, 36);

v) the increased contribution of grain boundary sliding at high
temperatures for polycrystalline materials.

Mechanisms such as twinning, deformation-induced phase transformations
and block shear are likely to be athermal in nature.

In general, SiC materials showed a marked (^.60%) decrease in hardness
over the temperature range 0.1-0.35 Tm, whilst Si3N4 showed a %30%
decrease over a larger homologous temperature range (0.15 - 0.5 Tm).
Thus, the room temperature hardness superiority of SiC over most forms
of Si 3N4 is not maintained at high temperatures ('600 C). Neither
material showed a knee in the hardness/temperature curves in these
temperature ranges, although the Knoop hardness data for SiC presented
earlier (1) often showed athermal regions extending up to 100-200 

0
C.

The SiC data is thus not consistent with Gilman's electron tunnelling

theories (35, 36), which predict a knee in the curve at approximately the

Debye temperature, which is 930
0
C for a-SiC and 1200C for 6-SiC (135).

(As yet, no value of OD for Si3N4 has been found in the literature).

Evidence of gross plasticity, in the form of surface slip steps, was not

found in SiC below \800
0
C (1, 105), and slip steps were not observed at

all in Si3N4 , except possibly in one anomalously large grain of RBSN at
800°C (fig. 6c). It is clear that direct observations of deformation
structures around indentations made at variou- temperatures will be
required to explain the hardness/temperature variations reported here.

Microstructural effects are difficult to assess in these materials,
since the variables (e.g. porosity and grain size) are not generally
independent of each other. Broadly, microstructure had a much more
pronounced effect on the hardness/temperature curves for Si3N4 materials
than for silicon carbides (figs. I and 2).

Of the SiC materials, the (0001) single crystal was consistently
the hardest, even though this crystal orientation has been reported to
show comparatively low hardness values (e.g. 13). For instance, the
Knoop hardness of a 0I010} plane with the long indenter axis

j
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approximately 30 from a <1120> direction has been found to be %25%
greater than on the (QQQI) plane with indenter axis along <1120> (as
used here)*. Thus the high hardness value for the single crystal is
not just caused by an unfavourably oriented slip system, as speculated
earlier (1) - indeed, it appears that grain boundaries have a definite
softening effect, perhaps due to stress-activated boundary sliding
(this hypothesis is advanced tentatively).

With the exception of the reaction-bonded material, and possibly
the single crystal (where more data points are required to determine
the precise form of the H/T curve) the slopes of the log (hardness) vs
temperature graphs were identical, suggesting a common deformation
process for these materials. The relative softness of 'Suzuki'
sintered SiC in comparison with hot-pressed and Carborundum sintered
materials may have been due to the extra porosity in this sample
(see section 2.3). The form of the curve for REFEL reaction-bonded
SiC seems to be partly due to the u12% residual Si content in this
material: correcting for this using the hot-hardness data obtained
for {111} Si results in a hardness/temperature curve very similar to
that of the 'Suzuki' sintered SiC.

Figure 2a (same scale as fig.la) shows that microstructural effects
are much more important in silicon nitride materials. The hardest form
of Si3N 4 examined was the relatively coarse-grained (%50im) PDSN,
thus confirming the softening effect of grain boundaries. The principle
difference between NC132 and NCX34 hot-pressed nitrides (curves 3 and 4,
figure 2) lies in the pressing additive used, and hence the boundary
phase (section 2.3), and the constant offset in the two curves must
reflect this difference (it is a real effect, not simply due to the
volume fraction of softer material introduced). Although Y203 is known
to reduce the amount of boundary sliding observed in high-temperature
creep processes (63), it is present as a thicker boundary layer than
in the Mg0-pressed materiil (figs. 7 and 8). The relative hardness
behaviour of these two materials at higher temperatures will be of
considerable interest.

The RBSN sample showed little variation of hardness with temperature,
the low-temperature hardness being suppressed by comparison with the
hardness/temperature curves for the hot-pressed materials. This is
likely to be caused by compaction effects due to the 113% porosity
present in this specimen - porosity effects are reviewed in section 2.3.

The variation of the calculated (124) ratio (b/a) of plastic zone
size to indentation radius with temperature is shown in table 3. Although
surface plasticity effects (e.g. slip steps) are not observed to extend
far beyond the indentation profile at low temperatures, the depth to
which the deformed zone extends beneath an indentation has rarely been
determined (see section 2.2). Lankford and Davidson (82) have
estimated (b/a) ^-5.5 in 4H single crystal SiC by selected area electron
channelling methods, whilst Hockey et al. (7) have measured the near-
surface (b/a) ratio to be v2 by TEM observations. These values compare
with the calculated value of (b/a) Q2.33 at room temperature (table 3).

* Of course, the anisotropy in Vickers hardness will be less than

that in the Knoop case.
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The shape of the plastic zone is unlikely to be precisely spherical
(82), however, so care must he taken in defining a plastic zone size
parameter. The ratio (b/a) is important in deriving KIc values from
radial crack measurements, as described in section 3.1.

6.2. INDENTATION FRACTURE

6.2.1. CRACK PROPAGATION

Radial cracks were generally found to become more extensive with
increasing temperature; this effect was material-dependent, being most
pronounced for {ill} Si (above 3000 C), rather less marked for SiC
materials, the Si3N4 specimens showing comparatively little change in
crack lengths with temperature. The reasons for the two forms of
cr/temperature curve (linear and curved with high-temperature plateau)
remain unclear - there seems no consistent microstructural similarity
between materials showing the same type of behaviour. The temperature
sensitivity of surface lateral crack extent in {111} Si is both
interesting and unexpected: Evans and Wilshaw (116) have observed that
the ratio of radial to lateral crack extents is often proportional to a
factor (PH/KIc2 ) 1/4 which increases with applied load, but decreases
with increasing temperature. Since only the lateral cracks which broke
through to the surface could be measured, it is possible that the effect
was related to a change in lateral crack depth as well as extent.

The relative insensitivity of the ratio (c/a) to temperature may
be explained in terms of the Lawn et al. theory (124), since this
predicts (c/a)aHl/6 (for constant load and assuming KIc to be temperature-
insensitive), a relatively weak function of temperature. The calculated
ratio (c/b) (table 5) indicates that several materials may form cracks
wholly within the plastic zone at I kgf load, even at room temperature:
and this leads to speculation concerning the extent to which crack
propagation depends on plasticity (discussed in reference 46). In
particular, {1111 Si has been speculated to fcrm <112> rar4ial cracks
(as observed here) by dislocation interaction (137). Less extensive
cracking along <!T0> directions was also observed in the current
investigation, and this argues against preferential fracture along planar
slip bands, as observed in some metal alloys (47). Whether plasticity is
important in crack propagation or not, the relationship Pac3/2 (124) was
obzerved in all materials save one (NCX34 hot-pressed Si3N4 ), regardless
of (c/b) ratio.

The reasons for the strange behaviour of NCX34 silicon nitride remain
unclear, the coefficient m in the relation cPm decreasing progressively
from 0.59 at room temperature to 0.38 at 800°C (corresponding to either
enhanced low-load cracking or suppressed high-load fracture). As
discussed in the previous section, the principle difference between
NCX34 and NC132 (which showed normal behaviour) hot-pressed nitrides is
likely to be in grain boundary structure, and it is suggested that some
progressively thermaliy-activated boundary mechanism may be responsible
for this behaviour. Clearly, further work is required to elucidate this
matter.

K values were calculated according to equation d (figure 13 shows
the effect of the plastic zone size term c.f. earlier theories (eg 123)).

,1
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As discussed in section 3.1, the residual stress due tc th, plastic
zone provides the driving force for radial crack extension, and as the

temperature is increased the plastic zone becomes larger, resulting in

'!.-. r cracks. The KIC values derived (table 6) were, to within
experimental errors, largely temperature-insensitive, confirming bulk
mechani-ai measirements in the same temperature range (e.g. 133).

.asclute values with those obtained from the literature

* " ws that values for Si and NC132 hot-pressed silicon nitride

are in ri : agreement, but values obtained for SiC materials are a
factor uf less than those obtained by other methods. Possible
explanaticis for this could include:-

(1) the plastic zone may be larger than predicted by the simple model

aussned in equation d (see section 3.1), resulting in larger crack
sizes than expected, hence lower K values,

Ic

(2) a similar effect would be measured if substantial slow crack growth
were to take place between indentation and measurement (this is

currently under investigation).

(3) finally, effects due to Poisson's ratio and indenter friction have

been discussed, but not quantified, by Evans (70). In particular,
indentation fracture theories often assume v=0.25 as observed in
silicon and silicon nitride (table 1), however Poisson's ratio is

generally substantially lower (0.15 - 0.2) in SiC materials.

Despite these uncertainties, certain general trends emerge from
table 6 - for instance, hot-pressed materials have relatively high values

of Kic, whilst single crystals and coarse-grained materials have low
values, as do porous materials. Microstructural effects on KIc have been

discussed by several authors (e.g. 25, 65, 109, 133, 137-145), and some
relevant points are summarized below.

As mentioned in section 4.1, all the hot-pressed materials were
observed to contain small W-rich inclusions at the boundaries, and such
inclusions are thought to interact with cracks and result in higher KIc
values (e.g. 65, 137, 138), although this effect will generally depend on

the nature of the particles (137,139). At high temperatures, e.g. above
1200 0 C for hot-pressed Si3N4 (140), slow crack growth may dominate the
fracture behaviour, depending on impurity and grain size (e.g. 141).

Crack paths in single crystals and large-grained materials were

generally straighter over much of their lengths than in fine-grained

materials, where cracks often passed preferentially along grain boundaries,
giving rise to a 'meandering' appearance. This latter effect presumably
results in more difficult crack propagation, hence higher Kic. A

corresponding effect is observed in large-scale fracture tests, where the
ratio of transgranular to intergranular cleavage is more important than

grain size (although the two may be related) aid grain boundary cohesion
is an important parameter (137). Grain shape has also been found to be

important in hot-pressed silicon nitrides (e.g. 142-144): more elongated

grains resulting in higher toughness.

Finally, porosity is an important factor in determining materials'

toughness: detrimental effects include stress concentration (pore size
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and shape being important) and boundary weakening (if intergranular),
whils.t beneficial effects may arise from interactions resulting in
crack deflection or crack arrest (e.g. 138, 145). Although this latter
effect was observed in many materials in the present study, the overall
effect (table 6) of porosity appears to have been detrimental in most
cases.

Lawn et al. (e.g. 123) have defined an 'index of brittleness'
(H/KIc) (a generalized, but equivalent treatment is given by Puttick
(126)), which has been plotted as a function of temperature for each
material (figs. 14-16). Whilst Si showed a strong decrease in
'brittleness' with increasing temperature, SiC materials showed a smaller
decrease, and Si3N 4 materials very little variation at all. Thus, SiC
materials are generally more brittle than Si 3N4 ceramics until high
temperatures ("1800 0 C) are reached. The index of brittleness is thought
to be an important parameter for materials selection for abrasive
environments in the fracture-controlled r4gime (123).

6.2.2. CRACK INITIATION

As mentioned in section 3.2, temperature effects on crack nucleation
parameters are difficult to predict but, using the parameter P* a (KIc4/H 3),
may be easily compared. The form of the above relationship is believed to
be generally valid (it may be derived dimensionally), but the coefficient
of proportionality () depends on the process responsible for crack
nucleation (e.g. sampling of pre-existing flaws (122) or slip band
interpenetration (45) or blocking of glide bands by grain boundaries
(41-43) or boundary cavitation (81)). Thus, a better approach might be to
measure P* directly and derive Xo values for a range of materials in order
to assess which mechanisms operate as a function of material/microstructure/
temperature etc. In this investigation, a value of Ao %9 x 104

(c.f. 1.6 x 104 (123)) was found to give reasonable agreement with the
limited number of P* values observed directly.

Crack nucleation was generally observed to become more difficult at
high temperatures, and this is reflected in many of the P* versus
temperature curves in figs. 17-19. The effect was most pronounced in
the case of {111 Si, the curve showing a sudden up-turn at around
500-600 C, the temperature range above which surface slip steps were
observed to form. If slip band interpenetration is responsible for crack
nucleation in this material, high temperatures may cause a decrease in
stress concentration (due to slip band widening, etc.) or may enable
dislocation climb to occur, both of which would be consistent with more
difficult crack nucleation.

The most obvious microstructural effect on P* is that of grain size,
coarse-grained materials and single crystals showing relatively easy
nucleation. This is consistent with equation (g) setting D equal to
the grain size (i.e. having the possibility of large dislocation pile-
ups creating stress roncentration). Porosity seems to decrease both
H (at low temperatures) and KIc, and from figs. 17 and 19 appears to
have relatively little effect on P*, at least for the materials
investigated.

However, despite these generalisations,a full understanding of the

role of crack nucleation in indentation fracture must await detailed
explanations of the possible micro-mechanics of crack genesis in a
variety of materials.
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7. CONCLUSIONS

Temperature - and load-variable microhardness tests have been used
to study the changing incidence of plasticity and fracture in SiC,
Si 3N4 and Si materials as a function of specimen microstructure.

The decrease of hardness with temperature was more marked for
SiC than for Si)N4 materials, such that the room temperature superiority
of SiC over most forms of Si'3N4 ((only PDSN~has comparable room
temperature hardness was not maintained above v.600°C. The hardness/
temperature curve for 111) single crystal Si was similar in form to those
reported by previous workers.

Microstructural influences on hardness were more pronounced in
Si3IN4 than in SiC. Grain boundaries were generally observed to cause
softening, and often provided preferred fracture paths, especially in
fine-grained materials and especially at high temperature (8000C).
However,#KT values were highest for fine-grained materials, probably
due to crack deflection by grain boundaries..

Porosity was found to produce a decrease in hardness,especially at
low temperatures, and provided crack termination sites and preferred

fracture paths in some cases.

Cracking (radial and/or lateral) became more severe with increasing
temperature, presumably due to an increase in crack-opening force
provided by the concomitant increase in plastic zone size. The effect
was most marked for f111} single crystal Si, followed by SiC materials,
the Si3N 4 specimens showing relatively little change in crack extent
with temperature. Crack nucleation became more difficult with increasing
temperature.

Kic values were derived using a recently-published theory (124),
and were found to be independent of temperature up to 800 C, agreeing
with bulk mechanical values in the case of Si and Si 3N4 , values for SiC
being somewhat lower than those reported in the literature.

Finally, hardness was found to be slightly dependent on applied
load (between 0.1 and 1 kgf), insensitive to impurity in certain
doped Si and SiC materials, and sensitive to surface finish where
polishing damage was apparent optically.

The results are of direct relevance to both abrasion and (probably)
erosion processes, indentation results being more useful than bulk

mechanical properties as guides for materials selection for surface-
contact applications.
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8. FURTHER RORK

The following experiments are considered crucial in further

understanding the effects of temperature on surface contact phenomena

in SiC and Si3N4 materials:

- TEM examination of deformation mechanisms operating beneath
indentations/scratches for comparison with those already studied
at room temperature (e.g. 9);

- determination of single crystal SiC har7dness anisotropy as a

function of temperature, in order to identify the active slip

systems at each point on the hardness/temperature plot;

- investigation of indentation creep effects, at temperatures

up to 12000C;

- investigation of possible chemomechanical effects;

- measurement of coefficients of friction in simple sliding
stylus experiments.
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11. GLOSSARY

HPSC hot-pressed SJC

PDSN pyrolytically-depos-ted Si3N4

RBSN reaction-bonded Si3N4

HPSN hot-pressed Si3N4

KHN Knoop hardness number (kgfmm- 2)

VHN = H Vickers hardness number (kgfmm
-2)

n Meyer index

T absolute melting point (K)m

Eg electronic band gap (eV)

eD  Debye temperature (K)

E Young's modulus (GPa)

v Poisson's ratio

a indentation radius

b plastic zone radius

c = c radial crack radius

c median crack radiusm

cI  lateral crack radius

P applied load

K IC fracture toughness (MPam

P* minimum load required to cause a crack nucleus to form.

C* minimum size of crack nucleus which may propagate (at P>P*).

Bog A0' o constants
0 00
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12. APPENDIX 1 HARDNESS AS A FUNCTION OF LOAD

The variation of hardness with applied load (the load sensitivity
or indentation size effect (15)) is quantified by the Meyer index (n)
defined by (16):

P = kan  k = constant

A value of n 2 indicates no variation of hardness witn load:
H a P/a2 = constant with respect to load.

For n<2, the hardness decreases with increasing ioad; for n>2,
the converse is true.

The variation of n with temperature for all the materials investigated
is summarised in Table Al, n being calculated from a i( -. fit to a
en a : fn P plot by measuring the errors in Cn i 5. ,
indices are in the range 1.9-2, indicating relatively little load
sensitivity over the load range used (100 gf - 1 kgf). PDSN and reaction-
bonded SiC have relatively low values of n (%1.8 at room temperature),
whilst RBSN and NC132 hot-pressed Si3N 4 have Meyer indices greater than
2 at high temperatures - generally n tends to increase slightly with
increasing temperature for all materials.

Somewhat lower values of Meyer index have been reported for a few
of these materials: for example, workers in Cambridge (10, 11, 15, 16)
have found n^.1.65 for NC203 hot-pressed SiC and n%1.7 for NC132 hot-pressed
Si3N4; Chakraborty and Mukerji (136) have reported n\1-1.5 for various
reaction-bonded and single crystal silicon nitrides. All these studies
were made at lower loads than used here (e.g. up to 100 gf (16);
100-500 gf (136)), the load sensitivity being more pronounced at lower
loads.

Possible origins of the indentation size effect have been discussed
(15, 16) but are difficult to determine for any particular material.
Specimen microstructure is thought to play a particularly significant role
in impeding motion of the extending plastic yield front at increasing
loads, and a pronounced indentation size effect is expected where the
microstructure is on the same scale as the sub-indentation plastic zone
(15, 16). This is the case for PDSN (grain size %50pm), all the other
materials having grain sizes much smaller than the indentation size
(except, of course, the single crystals). This may account for the
relatively low value of n for PDSN.

As mentioned previously, it was found impossible to measure high-
load (>200 gf), low-temperature (<3000 C) indentation diagonals in (111}
single crystal Si: due to excessive cracking (fig. 9). However, Meyer
indices based on 100 and 200 gf indentations have been calculated: at
room temperature, n%1.1 and at 200°C, n%1.3. No explanation for these
low values is yet offered, but they may account for the relatively low
value of n for reaction-bonded SiC, which contained ,12 vol.% unreacted
Si in the microstructure.

The high n values for RBSN and NC132 at 800°C are interesting, but
again no explanation is offered. jl
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Porosity effects have been discussed by Chakraborty and
Mukerji (136): for reaction-banded silicon nitrides, n was found to
decrease with increasing porosity. No such effect has been found in
this investigation - the porous materials (sintered silicon carbides
and RBSN) have Meyer indices similar to those of the fully dense
materials.

Finally, it is instructive to consider how further investigations
might shed light on this relatively poorly-understood subject. Of prime
importance is an understanding of elastic recovery effects in these
stiff materials (147): on "nloading the indenter, the specimen relaxes
elastically hence the indentation size (and therefore hardness) under
load is different from the final measured size. The load sensitivity
of this effect must be quantified before other effects (e.g. indentation
fracture, strain rate, surface effects, dislocation effects) may be
evaluated. The origins of load sensitivity in a particular material may
well remain obscure until details of all the deformation mechanisms acting
during indentation are known. To this end, TEM and other high resolution
investigations of indentation plasticity mechanisms are crucial
(see section 2.2).
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13. APPENDIX 2 HARDNESS AS A FUNCTION OF IMPURITY CONTENT

Impurity effects on dislocation mobility have been reported for
many brittle materials, especially ionic solids (e.g. 31, 32, 37, 85,3+
148, 149). In Mg0, for instance, Fe 3 impurities produce solid solution
hardening effects (148), dislocation velocities being limited by the

Peierls stress below a concentration of \,200 p.p.m. Fe3 at high resolved
shear stresscs (37). Trivalent impurities in MgO impede screw dislocations
athermally, whilst divalent cations are thought to retard edge dislocations
at high temperatures by the formation of Cottrell atmospheres (149).
Dislocation pinning is often by impurity-vacancy dipoles in alkali

halides (e.g. 31), in which such hardening effects are more pronounced
(148). At high impurity concentrations, precipitation hardening
produces even larger effects (e.g. 85, 148).

Covalent semiconductors such as Si and Ge also show variations of
dislocation velocity with dopant (150, 151) which have been modelled by

Hirsch (152). The formation of double kinks on partial dislocations is
considered to generate acceptor/donor levels in the band gap, and electron/
hole transitions may occur to these levels, resulting in changes in the
concentration of charged kinks (hence dislocation velocity, since this is

proportional to total kink concentration). The factors determining this
change are complex since the kink energy levels are a function of both
the material and the structure of the dislocations produced. Temperature
and dopant concentration (donor or acceptor) are also variables in this

process. Thus, screw dislocations in Si at 6000C are more mobile in
doped (n or p) materials, above a critical impurity concentr&tion. In

Ge at 800 0C, 600 dislocations are more mobile in n-type than i. p-type

material (again, above a certain critical impurity level) and undoped Ge
shows an intermediate 600 dislocation mobility.

An experimental study of the hot-hardness behaviour of transistor

grade n and p-type {I1i1 single crystal Si* was undertaken, the results
being summarised in table A2.1. The hardness/temperature curves proved
identical to within experimental errors and possible explanations are

given below. A series of REFEL reaction-bonded silicon carbides of
varying impurity content and major polytype were indented at room

temperature under ambient conditions using a Leitz 'Miniload'

microhardness tester (1 kgf Vickers indentations), and the results are

presented in table A2.2. Precise impurity levels were not known, but

were of the order of 1000 p.p.m. for each major dopant, the Al-doped

specimen also containing ^-500 p.p.m. of nitrogen, and the 'undoped'
sample ,300 p.p.m. of various impurities (otably Fe, Al, N) (153).
Alpha materials showed no variation of hardness with dopant, whilst
undoped 8-REFEL appeared harder than B-doped (p-type) material.
However, this latter effect might have been due to other microstructural
factors, such as a comparative lack of residual Si in the undoped
specimen. In any case, the major polytype present in the material
appears to be more important in determining hardness than the impurity

concentration.

A number of points arise out of this investigation. Firstly, the

* The nature and concentration of the dopants in these samples were

unfortunately not known, but resistivity values are quoted in table A2.1.
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extent to which hardness reflects dislocation mobility is open to
question in these materials, especially at low homologous temperatures
(see section 2.3), so the negative results presented here must be
treated with caution. In the case of the silicon slices, dopant levels
might conceivably have been below those required to significantly affect
dislocation mobility (152), and in any event the effect may occur
equally in both n and p-type materials, as reported for high-temperature
screw dislocations in Si (e.g. 152). In attempting to predict hardening/
softening effects, the nature of dislocation structures resulting from
indentation must be well characterized - the contributions of dopant
effects to the mobility of each type of dislocation may then be summed
in order to evaluate the overall effect. In general this is impossible
due to lack of experimentally-obtained information on dislocation
structures beneath indentations (as a function of temperature) on the
one hand and lack of theoretical knowledge of the energy levels resulting
from kinks in various types of partial dislocation on the other.

The effect of dopant concentration on hardness is therefore best
investigated empirically and, to this end, further, more detailed
experiments will obviously be required. Thus, a range of well-charac~erized
pure, lightly doped and heavily doped n and p-type materials should be used,
and sub-indentation dislocation structures investigated (e.g. by TEM) as
thoroughly as possible.
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14. APPENDIX 3 HARDNESS AS A FUNCTION OF SURFACE FINISH

Table A3 summarizes the results of an experiment to determine
the effect of surface finish on the room temperature Vickers hardness
of alpha REFEL reaction-bonded SiC. The same specimen was used
throughout the experiment, using a Kent polishing machine equipped
with automatic polishing arm and utilizing constant wheel speed and
applied weight (1.75 kg). The sequence described represents typical
polishing procedure for this and similar materials, starting with
coarse diamond compound on metal laps and finishing with fine (in
this case 1/104m) diamond compound on a soft cloth polishing wheel.
Additionally, the material was polished for a longer period of time
(2 hrs. in total) at the 1/104m Ftage, in case the normally used time
of 15 min. proved insufficient to remove damage from the coarser
polishing stages. The surface was then roughened to 6pm and then 14P.M
(cloth) finishes as a consistency check.

At each stage in the polishing procedure, the amount of damage
in the specimen surface was assessed by optical microscopy (attempts to
quantify this by measuring cathodoluminescent output in a SEM failed,
since the material showed no output whatever), and the specimen was
indented at 100 gf and I kgf loads (10 indentations each). For this, a
Leitz 'Miniload' microhardness tester with Vickers indenter was used,
tests being made at room temperature under ambient conditions. Since the
measured effect was likely to depend on the sampling depth of the
indenter, penetration depths were calculated (d/h7 for Vickers
indentations, where d = diagonal length and h = penetration depth), being
typically Ipim for 100 gf indentations and 4pm for I kgf indentations.

It was found impossible to resolve indentations on the coarsely-
finished surfaces (14pm and 64m cast iron laps) due to surface roughness,
the material being severely chipped and scratched. After the 64m copper
lap, the sample showed small unchipped regions and, macroscopically, a
slight lustre. When polished on the 64m cloth, the specimen appeared
shiny, optical examination revealing only tiny ('.1pm) chips in the surface,
especially around the SiC: Si interfaces present in this material (1).
After the 1pm and subsequent stages, no damage could be resolved by optical
microscopy, until roughened to 6pm and finally 14un cloth finish, where
the damage was again marked, although not as severe as with the 6pim copper
lap.

The results show that at 1 kgf applied load, the macroscopically
shiny surfaces (6pm - 1/10pm cloths) all showed similar hardness values
(%2050 kgfmm- 2 ) to well within experimental errors. Only the highly
damaged 64m copper-lapped and 14pm cloth-lapped surfaces showed a
hardening effect, in proportion to the amount of damage observed.

The 100 gf indentations provided a slightly more sensitive test,
revealing hardening effects at the 6pim cloth stages with respect to the
highly-polished 1-1/lOpm finishes. In neither case did the hardness
change significantly on polishing for a long period of time at the 1/10pm
stage. (N.B. errors quoted in table A3 are 95% confidence limits.)

In conclusion, a hardening effect has been observed on the surface
of an alpha REFEL reaction-bonded SiC when subjected to optically
resolvable amounts of abrasion damage. The effect was most pronounced
for small indentation sampling depths, i.e. at low applied loads, and
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was only observed when the scale of the abrasion damage was of the
order of, or greater than, the depth of indentation. The mechanism(s)
responsible for this effect have not been determined - detailed TEM
observations of the deformation structures involved in both indentation
and abrasion processes will be required to do this.
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MATERIAL SOURCE Main Grain
Polytype Size #

SILICON CARB.IDE

(0001) single crystal Arendal Smelteverk a(13) -

(Norway)

Hot-pressed Norton NC203 a(10) 5p/m

Sintered (a) Carborundum Co. at(*) %10l.um

(b) Experimental batch Needles:
from Prof.H.Suzuki a(130) Length %20Jim
(130) Width Q2pm

Reaction-bonded UKAEA, Springfield cx(12) a) '10pm
b) x,5i.m

SILICON NITRIDE

Pyrolytically-deposited Admiralty Marine
Technology Estab., oL(131) %50pm
Holton Heath.

Reaction-bonded Ford '2.7' 80wt%a n14m
20wt%P

(132)

Hot-pressed (a) Norton NC132 largely <5
B (132)

(b) Norton NCX34 largely %5m

B (132) some grains
"'20pn

SILICON

{I11} single crystal Texas - -

(n) Instruments

{111} single crystal (U.K.)

(p)

*Carborundum Technical Data Sheet

+UKAEA Technical Data Sheet

# Measured from optical/SEM images

Table 1. Properties of the materials investigated. Vickers hardnees
va ues were obtained in this investigation and have been averaged

over the load range used and finally expressed as a projected area

Vickers hardness value.
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ROOM TEMPERATURE VALUES
Porosity # Young's Vickers Fracture Poisson'smodulus (EI Hardnesa 01) Toughness Ratio (v)

(GPa) (GPa) (KIc) MP I

446(,Q9) 35.6[±0.6] 3.4(1331 Q.2G135)

438(25) 31.'[±0.7] 6.1(133) 0.17(132)

4.Svol.% 406(*) 29.9[±0.4] 4.6(*) 0.15(*)

9 vol.% 400
(estimated)

Non but 12-14
vol.% unreac- 400(+) 25.4[±1] 4.4(133) 0.24(+)
ted silicon

small amount
(not 312(131) 37.0[±I]
measured)

13vol.% 210(132) 15.3[±0.3] 0.22(132)
(132)

320(132) 21.7[±0.3] 5.0(132) 0.27(132)

310(132) 18.1[±0.2] 5.9(132) 0.27(132)

168(124) 18.7[±0.31 0.8(134) 0.27(23)
19.21[+0.2] (polycrystalline

value)

Table 1 (cont.)
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MATERIAL INDENTER TEMP. RANGE

INVESTIGATED

SILItf:UN CARBIDE

fuu.l) single crystal Knoop Room Temp. -- 8000 C

Vickers* Room Temp. & 8000 C (only)

Hot-pressed Knoop Room Temp. - 8000C
(Norton NC203) Vickers* "

Sintered (a) (Carborundum) Knoop "

Vickers*

(b) (Suzuki) Vickers*

0Reaction-bonded (a) Knoop Room Temp. - 900° C
(REFEL - two grades) (b) Vickers Room Temp. - 800°C

SILICON NITRIDE

Pyrolytically-deposited Vickers* Room Temp. 800°C
Reaction-bonded Vickers* "
(Ford '2.7')

Hot-pressed (a) (NortonNC132) Vickers*
(b)(Norton NCX34) Vickers*

SILICON

(1111 single crystLA (n-type) Vickers* Room Temp. - 8000 C
{111 single cryst.I (p-type) Vickers

Table 2. A summary of experimental work performed to date. A indicatos
crack lengths were measured for indentation fracture mechanics
analysis.
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Vickers Hardness (kgfmm- 2): {111} Si

TEMPERATURE p-type n-type
(0C) (p = 7.05 Ocm) (= 9.15 ecm)

24 1814 (±21) 1790 (±36)

200 1212 (±29) 1308 (±27)

400 804 (±12) 795 (±8)

500 464 (±5) 457 (±5)

600 329 (±10) 336 (±9)

800 92 (±I) 96 (±I)

Table A2.1. The effect of dopant on the Vickers hardness of {111}
single crystal Si as a function of temperature. Applied load = lOOgf
in each case. Errors are one standard error in the mean for 10
indentations.

Material Vickers hardness (kgfmm-2

Undoped a REFEL 2070 (±60)

Al-doped a REFEL 2060 (±40)

AiN-doped a REFEL 2060 (±60)

B-doped a REFEL 2145 (±110)

Undoped 8 REFEL 2560 (±30)

B-doped 8 REFEL 2350 (±70)

Table A2.2. The effect of dopant on the room temperature Vickers
hardness of a and 8 REFEL reaction-bonded silicon carbides.
Applied Load = lkgf in each case. Errors are 95% confidence limits
(10 indentations).
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Figure 1. The variation of Vickers hardness (N kgf applied load) with
temperature for SiC materials: (a) linear, (b) logarithmic hardness
scales. Curve 1 = (0001) single crystal (open circles),
curve 2 NC203 hot-pressed (open squares), curve 3 = Carborundum
sintered (filled squares), curve 4 = Suzuki sintered (open traingles),
curve 5 = REFEL reaction-bonded (filled circles). Error bars indicate
one standard error in the mean.
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Figure 2. The variation of Vickers hardness (1 kgf applied load) with
temperature for Si3N4 materials: (a) linear, (b) logarithmic hardness
scales. Curve 1 = PDSN (open circles), curve 2 = Ford '2.7' RBSN
(open squares), curve 3 = NC132 hot-pressed (open triangles),
curve 4 = NCX34 hot-pressed (filled squares). Error bars indicate one
standard error in the mean.
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Figure 3. The variation of Vickers hardness (100 gf applied load) with
temperature for n-type (1111 single crystal silicon: (a) linear,
(b) logarithmic hardness scales. Error bars indicate one standard
error in the mean.
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Fi ure 9 (cont.) (g) as (f) showing slip steps along <110> Jim'ctio,
around the indentation profile (specimen was hold at .5600°C or ',4X m[.
after indentation). Radial cracks are mainly along <712> direct :ec
(optical-Nomarski); (h) as (g) with less extensive nlip Steps (speolmo
was ,)7 lk. i'; fa ? manT o" o. ,. nta I,); M) COQ0 C z indentat.ion
(1 kfg load) showing more extensive slip steps and three radial ('racksv
along <112> directions (optical-Nomarski). () 7000 C indentt on (N kqf
load) with highly developed slip steps and only two radial arabs, loti i
along <110> directions (optical-Nomarski); (k) 800"C indentation
(N kgf load) showing no radial fracture (optical-Nomanrski). (7) a.
(k) showing a snall subsurface lateral crack and fracture zn'tiq'n tt',
indentation profiles rFM-secondary-30kV).
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Figure _10. Radial crack radius c as a function of temperature and
load for SiC materials: (a) NC203 hot-pressed, (b) Carborudum
sintered, (c) Suzuki sintered. Error bars indicate one standard error
in the mean.
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Fiaure 1. Radial crack radius c aa a function of temperature and load
for S~3iX ma~terials: (a) PDSN, 6b) Ford '2.7' RB'SN, (c) NC132 hot-pressed,
(d) NCX34 hot-pres-ed. Error bar&~ indicate one standard error in the mean.
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Fiare 1. Radial and lateral crack radii as fnctions of cm ratrc
and Load for n-tzuc, f1111 single crysta, S : open circles-radiaz
cracks, ': triangles-lateral cracks. Frror bars indicate onC
standcard crror in t;?,ri mean.
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Figure 13. The effect of including a plastic zone size term in tine
calculation of K~d as a function of temperature for hot-pressed SJC:
curve 1 = original theory (open circles), curve 2 = with plastic zone
size tern (filled circles). Error bars indicate one standard error in
the mean.
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Figure 14. The variation of 'index of brittleness' (H/KAc) with
temperature for SiC materials: curve 1 = (0001) single crystal (open
circles), curve 2 = NC203 hot-pressed (open squares), curve 3 =

Carborundum sintered (filled squares), curve 4 = Suzuki sintered
(open triangles). Error bars indicate one standard error in the mean.
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Figure 15. The variation of 'index of brittleness' (H'/KI) with [
temperature for Si3N4 materials: curve 1 = PDSN (open circles),
curve 2 = Ford '2.7' RBSN (open squares), curve 3 = NC132 hot-pressed
(open triangles), curve 4 = NCX34 hot-pressed (filled squares).
Error bars indicate one standard error in the mean.
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Figure 16. The variation of 'index of brittleness' (H/KZc) with
temperature for 111} eingle crystal Si. Error bars indicate one.. ..... =-k. . ME!4 - -___, . . . . ... .
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Figure 14. The variation of 'index of brittleness' (HI/Kc) with
temperature for SiC materials: curve I = (0001) single crystal (open
circles), curve 2 = NC203 hot-pressed (open squares), curve 3 =
Carborundwn sintered (filled squares), curve 4 = Suzuki sintered
(open triangles). Error bars indicate one standard error in the mean.
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Figure 15. The variation of 'index of brittleness' (H/KIc) with

temperature for Si 3N4 materials: curve 1 = PDSN (open circles),
curve 2 = Ford '2.7' RBSN (open squares), curve 3 = NC132 hot-pressed

(open triangles), curve 4 = NCX34 hot-pressed (filled squares).
Error bars indicate one standard error in the mean.
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Figure 16. The variation of 'index of brittleness' /K 1 ) with
temperature for (111} eingle crystaZ Si. Error bars s'dicate one
standard error in the mean.




